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ABSTRACT: Positron lifetime spectroscopy and wide-angle X-ray scattering have been applied to
investigate the structural changes induced by tensile deformation in ultrahigh molecular weight linear
polyethylene. The results reveal a correlation between the crystallinity, the positron annihilation
characteristics, and the strain of the polymer. The probability of positronium formation increases and
the crystallinity of the material decreases with increasing tensile strain. The size distribution of the
free-volume holes, where positronium atoms form, is determined from their lifetime distribution. The
positron lifetime measurements are interpreted in terms of a free-volume approach assuming that the
free volume associated with each liquidlike cell of the amorphous phase is divided into free-volume holes
whose size distribution is given by a normal frequency function. The cumulative distribution functions
determined from the positron annihilation measurements agrees with those predicted by the free-volume
model. This indicates that the positrons contributing to the lifetime component associated with
orthopositronium annihilation really probe the free volume in the amorphous phase of the polymer. The
experiments evidence free-volume changes induced by tensile strain which are unrecoverable after
relieving the stress.

1. Introduction

It is well-known that deformation transforms the
isotropic spherulitic structure of a semicrystalline poly-
mer into an anisotropic microfibrillar structure. This
transformation produces remarkable changes in its
mechanical properties. Thus, to understand this trans-
formation is of technological and scientific interest.
Recently, the deformation behavior for an ample variety
of semicrystalline polymers has been investigated under
true strain-controlled tensile tests. The true stress-
strain curves show three well-defined points with
constant strain values, stress independent, where the
differential compliance, the recovery properties, and the
crystalline texture of the polymer change simul-
taneously.1-4 This appears to be a general behavior
independent of crystallinity for polyethylene (PE), syn-
diotatic polypropylene (s-PP), isotactic poly(1-butene)
(P1B), and some of their copolymers. These critical
points are correlated with qualitative changes in the
deformation mechanism. They successively correspond
with (A) the onset of isolated inter- and intralamellar
slip processes, (B) a transition to collective shear
processes, and (C) the starting of the crystalline frag-
mentation. A four point (D), whose critical strain is
temperature dependent, is associated with chain dis-
entanglement inducing true plastic deformation. There
are other many reports describing the deformation
mechanism of linear high-density polyethylene (HDPE)
in similar terms of crystalline texture changes, inter-
and intralamellar slip processes, and orientation changes
of the chains in the amorphous phase.5-7

Other structure-sensitive properties of the semicrys-
talline polymers, such as gas diffusivity and perme-
ability and mechanical relaxation, are successfully
interpreted in terms of the free-volume concept.8-16

Thus, free volume is considered as an intrinsic param-
eter that can control structural changes, relaxation

processes, and transport phenomena in polymers. The
free volume is defined as the difference between the
total volume and the hypothetical volume occupied by
the polymer molecules. One would expect changes in the
free volume of a polymer after being plastically de-
formed. However, few reports are found showing evi-
dence for such changes. For instance, a decrease of the
fractional free volume in the amorphous phase has been
reported in HDPE uniaxially drawn at 60 and 80 °C.8
This result differs from that obtained by Galenski et
al.5 in HDPE channel die compressed at 80 °C. In this
case, the density of the polymer decreases with the
compression ratio, suggesting an increase of the frac-
tional free volume in the whole of the polymer. Also,
positron annihilation evidence of free-volume increase
induced by deformation has been reported for an
amorphous polycarbonate under tensile strain.17 It
should be noted that there exist reports for HDPE18 and
polypropylene,20 giving evidence for microvoid formation
during deformation not attributable to necking. The
reason for this shortage of reports correlating deforma-
tion and free volume could be the lack of straightforward
and accurate methods to measure the fractional free
volume in a sample.

Positron lifetime spectroscopy (PLS) is successfully
applied to determine the characteristics of the free-
volume holes in polymers. Thermalized positrons in a
polymer have the capability to probe its free volume
because they can be localized in nanovoids as a positro-
nium atom (Ps) in an ortho state (3S1). The lifetime of
the ortho-Ps (o-Ps) localized in a free-volume hole, τo-Ps,
is related to the hole radius R by20

where τo-Ps is given in nanoseconds and ∆R is the
thickness of a homogeneous electron layer surrounding
the free-volume hole where the Ps annihilates, so that
R0 ) R + ∆R is the radius of the spherical potential* Corresponding author. E-mail: mmonge@fis.uc3m.es.

τo-Ps ) 1
2[1 - R

R + ∆R
+ 1

2π
sin ( 2πR

R + ∆R)]-1
(1)
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wells corresponding to the free-volume hole. ∆R ) 0.166
nm is usually assumed for polymers according to
experimental results in zeolites and molecular solids.20

Thus, the τo-Ps value gives us an indication of the free
volume hole size. The spectral intensity, Io-Ps, is related
to the number of free volume hole sites yielding an o-Ps
in the polymer.

The aim of this work is to investigate the variation
of the fractional free volume induced by tensile defor-
mation in ultrahigh molecular weight linear polyethyl-
ene (UHMW PE) using PLS.

2. Experimental Section

Dumbbell-shaped samples with a total length of 150 mm
and gauge dimensions 60 × 10 × 5 mm3 were stamped from 5
mm thick compression-molded sheets of UHMW PE [Mw )
(3-6) × 106]. Each sample was uniaxially stretched to different
final extensions at room temperature using a tensile stress
machine at a constant cross-head rate of 25 mm/min. To follow
the evolution of the crystallinity with deformation, wide-angle
X-ray scattering (WAXS) measurements were performed on
the deformed samples immediately after unloading. These
were carried out on an X-Pert Philips diffractometer with
Bragg-Brentano configuration using the Cu KR radiation. The
crystalline mass fraction was determined from the ratio of the
area under the crystalline peaks to the total area over the
angular range 10°-30° (2θ) following the procedure described
in ref 21. After WAXS measurements and strain recovery on
unloading for 24 h at room temperature, a pair of samples 12
× 12 mm2 was cut from the central area of the gauge region
of the deformed samples for positron annihilation experiments.
These experiments were carried out using a 22Na positron
source, deposited on a thin foil of Kapton, and sandwiched
between the pair of samples. The positron lifetime spectrum
at room temperature was registered using a spectrometer with
a time resolution of 240 ps. For each measurement, a lifetime
spectrum with 107 accumulated counts was registered by
addition of successive 106 counts spectra with an insignificant
drift in the time zero. Radiation effects on the lifetime
spectrum, attributable to the 22Na source, should be meaning-
less because the 106 counts spectra successively collected are
undistinguishable one another. Assuming that the real positron
lifetime spectrum for a semicrystalline polymer is a continuous
distribution of lifetime values τ, the observed spectrum would
be

where X represents the convolution of the resolution function
of the spectrometer, R(t), with the annihilation decay integral
function, s(t), and Nt and B are the total counts and the
background of the spectrum, respectively. The function s(t) is
given by

where λ ) τ-1 is the positron annihilation rate, R(λ) is the
probability density function for a given annihilation rate, and
∫0

∞I(τ) dτ ) ∫0
∞R(λ) dλ ) 1. The experimental spectra were

analyzed with the MELT 4.0 routine22 to obtain a continuous
lifetime distribution. Also, discrete term fits of the spectra are
performed using the routine PATFIT23 in order to obtain
reliable and accurate values for the input parameters required
by MELT.

3. Results and Discussion

3.1. Applied Strain Effect on the WAXS Crystal-
linity. Figure 1 shows the engineering stress-extension

curve and the corresponding true stress-true strain
curve for a sample deformed up to a final extension ε )
3.5. As true strain, we have taken the Hencky strain
εH ) ln(1 + ε). Applying the Considère construction on
the true stress-extension curves, the yield point is
determined at an applied extension of 0.26, correspond-
ing to a yield stress of 25 MPa for all the samples. After
a very small decrease of the hardening rate above the
yield point, strain hardening appears at applied exten-
sion of ∼1.2 going on up to fracture at ∼4.0.

The WAXS crystallinity varies with the final exten-
sion applied to the samples as Figure 2 shows. A small
increase of the crystallinity appears to be produced
when the samples are deformed up to around the yield
point, i.e., at εH = 0.23. Afterward, a continuous
decrease is observed increasing strain up to fracture.
The crystallinity decreases from 55% to 37%. This
decrease is essentially linear with the true strain.

3.2. PLS Results and Determination of the Frac-
tional Free Volume. The four discrete-term analyses

Figure 1. Typical stress-strain curve for UHMW PE tensile
tested at a constant cross-head rate of 25 mm/min: (a) nominal
stress-strain curve and (b) true stress-strain curve.

Figure 2. Crystalline fraction as a function of final applied
strain for UHMW PE tensile tested.

y(t) ) R(t) X [Nts(t) + B] (2)

s(t) ) ∫0

∞ I(τ)
τ

exp(- t
τ) dτ ) ∫0

∞
λR(λ) exp(-λt) dλ (3)
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of the positron lifetime spectra yield lifetimes and
intensities in good agreement with the continuous
lifetime distribution obtained using the MELT routine.
Figure 3 sketches the strain effect on the positron
lifetime distribution. The positron lifetime spectra
exhibit four well-defined and separated peaks. The peak
for the two shortest lifetime components is around 0.130
and 0.320 ns, while the mass centers for the others are
found ranging between 0.9 and 1.20 and 2.38-2.50 ns.
It is well established that the decay rate of the first
lifetime component in a multicomponent spectrum, λ1
) τ1

-1, correlates with the decay rate of the positron
state of shortest lifetime by mean of a relation that
depends on the kinetics and behavior of the positron and
Ps in the material. In a polymer with a four-component
lifetime spectrum, (1) the first lifetime component is τ1
= 125 ps/η, where 125 ps is the lifetime of p-Ps in a
vacuum and η < 1 a parameter describing the Ps
relaxation in the polymer, and (2) the intensities of the
lifetime component have to satisfy the relation I1 )
(I3 + I4)/3, assuming that the positrons annihilate in
free states, p-Ps and o-Ps, via a pick-off process in the
crystalline and amorphous phase.24 In our experiments,
I1 is between 19 and 23% and (I3 + I4)/3 between 6 and
9%; i.e., I1 is about 3 times the expected value. Then,
the above simple annihilation scheme appears not to
be appropriated to describe our experimental spectra.
The discrepancy is attributed to an additional short-
lived component from a non-Ps state contributing to the
p-Ps component.25 This short component could originate
from free positrons because a shorter lifetime is expected
for a free positron in the crystalline phase than for a
trapped positron or o-Ps. The shortest lifetime peak,
arising from p-Ps self-annihilation and free positron
annihilation in the material, does not provide any
relevant information in polymers. The intensity I1 of our
spectra is independent of the applied strain, remaining
constant at I1 ) 21 ( 2%.

The origin of the second lifetime peak centered at 320
( 20 ps is uncertain. Since free positron annihilation
appears to contribute to the shortest lifetime component
of the experimental spectra, and the lifetime values of
the second component are much shorter than the
expected one for o-Ps, it is reasonable to attribute its
origin to localized non-Ps positron states. It is hard to
elucidate where positrons can be localized or trapped.
As probable sites, one would consider (i) the crystalline/

amorphous interface, (ii) defects in the crystalline
regions, and (iii) holes in the amorphous phase. The
variations of the crystallinity and I2 with final true
strain, shown in Figures 2 and 4, indicate that a direct
correlation between the second component and the
amorphous phase does not exist. Therefore, it appears
that e+ annihilation in holes of the amorphous regions
does not contribute significantly to the second lifetime
component. We attribute the second lifetime peak to
positrons localized at the crystalline/amorphous inter-
faces, i.e., at the interfacial phase, and at defects in the
crystalline lamellae. The initial decrease of I2, from 58%
to a value of 50% when the final applied strain is εH )
0.4, suggests changes in the interfacial phase induced
by the interlamellar slips that occur during the initial
deformation stage. Afterward, I2 increases up to εH
around 1. For εH above 1, I2 stays constant, suggesting
that some sort of dynamical recovery of defects, or
positron trapping saturation in the defects, takes place.

The mass center of the third lifetime peak, τ3, and
the corresponding intensity, I3, are represented in
Figure 5. This third lifetime component with τ3 ∼1 ns,
observed in PE, is attributed to pick-off annihilation of
o-Ps formed in the crystalline phase.26,27 It has been
established that this lifetime τ3 is correlated with the

Figure 3. Strain effect on the positron lifetime distribution
function for tensile tested UHMW PE. ε is the final nominal
strain.

Figure 4. Intensity of the second lifetime peak vs final applied
strain for tensile strained UHMW PE.

Figure 5. Centroid and intensity of the third lifetime peak,
τ3 and I3, vs final applied strain for tensile strained UHMW
PE.
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molecular packing coefficient, C, in hydrocarbon molec-
ular crystals.25-27 In particular, for PE, Dlubek et al.26,27

have found that the τ3 can be fitted to

where τ3 is given in nanoseconds and C is the volume
of the molecule divided by the total volume per molecule.
Using the τ3 values shown in Figure 5, we obtain a mean
value for a crystalline packing coefficient of 0.719 (
0.012. Despite the dispersion of the τ3 values, this value
agrees quite well with the value C ) 0.727 calculated
for PE at room temperature from experimental data in
refs 26 and 27. This dispersion is due to an inaccurate
determination of the τ3 values attributable to the weak
intensity of the corresponding lifetime component.

A trend of I3 to decrease increasing strain is observed
because of the correlation between I3 and crystallinity,
but the expected decrease of I3 is not noticeable for εH
> 1. This is could be induced by the fact that part of
the third lifetime component might be also due to pick-
off annihilation of o-Ps in the solidlike cells which make
up the rigid amorphous fraction of the polymer. Such a
contribution would be also correlated with the packing
coefficient C since these solidlike cells do not contain
free volume. The reasons will be make clear in section
3.3 where the results are interpreted in terms of the
free-volume model.

The variation of the mass center and the intensity of
the fourth lifetime peak with strain are shown in Figure
6. This lifetime component τ4 is due to o-Ps pick-off
annihilation at free-volume local holes.23,24 The τ4 value
depends, through eq 1, on the size of the free-volume
local hole where the positron is localized forming a Ps
state, and the intensity I4 gives us the Ps yield in the
free-volume holes of the amorphous phase; i.e., I4 ) 3Ph/
4, where Ph is the Ps formation probability in the free-
volume holes. The results reveal that deformation
proceeds increasing the Ps yield in the free-volume
holes. During the initial stage of deformation, i.e., up
to the yield point, this increase is fast and the size of

free-volume holes appears to remain essentially con-
stant as the τ4 values indicate. For strains above the
yield point, the intensity I4, that is, the Ps formation
probability in the free-volume holes, continues increas-
ing at a slower rate, but τ4 goes down. Above the yield
point, τ4 shows the same strain dependence than the
one for the WAXS crystallinity represented in Figure
2, i.e., a linear decrease increasing true strain. More-
over, the crystallinity increase observed in samples
deformed below the yield point is correlated with the
stage of fast increase in I4.

Figure 7 represents the variation of τ4 and I4 with the
WAXS crystallinity. The τ4 dependence on the crystal-
linity differs from that found in melt-crystallized PE.27

τ4 decreases as the crystallinity diminishes increasing
applied strain above the yield point, but τ4 in melt-
crystallized PE decreases increasing crystallinity. How-
ever, the decrease of I4 increasing crystallinity agrees
with the results reported for melt-crystallized PE with
crystallinities between 3 and 82%.27 It should be noted
that I4 values for the samples unstrained and strained
below the yield point do not follow the same trend than
those corresponding to samples strained above, as
Figure 7 shows.

The above results indicate two deformation stages
which proceed increasing the Ps yield in the free-volume
holes of the polymer. The initial stage, which ends up
at the yield point, is characterized by a steeply increase
of the Ps yield remaining essentially constant of the
free-volume hole sizes in the amorphous phase. The
second stage produces a continuous increase of the Ps
yield in the free-volume holes, apparently lineal up to
the fracture, and is accompanied by a decrease of the
free-volume hole sizes and a reduction of the crystal-
linity.

Using eq 1 and the probability density function for
the annihilation rate of the fourth lifetime component
found by MELT-4, i.e., R(λ4), the probability density
function for the free-volume hole radius, f(R), can be
obtained. Assuming spherical the free-volume local
holes, we can determine the probability density function

Figure 6. Centroid and intensity of the fourth lifetime peak,
τ4 and I4, vs final applied strain for tensile strained UHMW
PE.

τ3 ) 7.92 - 9.616C (4)

Figure 7. Centroid and intensity of the fourth lifetime peak,
τ4 and I4, as a function of WAXS crystallinity for tensile
strained UHMW PE: (b) strained above the yield point, (4)
strained below the yield point, and (O) unstrained.
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for the free-volume hole sizes, g(vh), from f(R). It is given
by

where K(R) ) 1 + 8R is the correction factor for the Ps
trapping rate in the free-volume local holes used by
Deng and Jean.28 Here the hole radius R is given in
angstroms.

Figure 8 shows the deformation effect on the distribu-
tion of free-volume hole sizes where a positron is
localized in the amorphous phase of the samples. This
distribution spreads with strain and shifts very slightly
toward the smaller volume side increasing strain above
0.5. The mean volume of the free-volume holes probed
by the positrons can be obtained using the probability
density function g(vh) by means of

where Vc represents the minimum hole size in which a
Ps atom can form by positron trapping in the amorphous
phase of the polymer. The lowest expected value for Vc
would be

Here 2a0 is the Ps atom radius (a0 is the Bohr radius).
The vjh values vs the final true strain are represented
in Figure 9. Although the variations are small, a clear
decrease increasing true strain is observed in the strain
hardening region, i.e., for true strains above ∼0.7.

3.3. Interpretation of the PLS Results in Terms
of the Free-Volume Theory. To test our free-volume
hole results obtained from positron annihilation mea-
surements, following Liu et al.,30 we have compared the

relative fraction of the cumulative distribution of hole
volume C(vh) calculated by

with the one predicted using a free-volume approach.
Following the free-volume model proposed by Grest and
Cohen,29 solidlike and liquidlike cells can be distin-
guished in the amorphous phase of a polymer. Solidlike
cells are those with a volume lower than certain critical
value, v < vc, and liquidlike cells those with v > vc. Only
the last cells can have associated a free volume that is
defined as

Positrons in the amorphous phase of a polymer can form
Ps atoms annihilating in regions of either high molec-
ular packing or low molecular packing, i.e., in either
solidlike cells or liquidlike cells. The annihilation char-
acteristics of Ps in the solidlike cells will be very similar
to those in the crystalline phase because both regions
have similar molecular packing. Therefore, o-Ps an-
nihilating in solidlike cells would contribute to the third
lifetime component. Ps atoms in the liquidlike cells
annihilate in free-volume holes associated with these
cells. The longest lifetime peak arises from the pick-off
annihilation of o-Ps in these free-volume holes as
discussed previously.

According to the Grest-Cohen model, the fraction of
cumulative distribution of free volume, C(vf), would be

where P(vf) is the distribution of free volume in the
liquidlike cells given by

Figure 8. Strain effect on the distribution function of free-
volume hole sizes for tensile strained UHMW PE. ε is the final
nominal strain.

g(vh) )
f(R)

4πR2
) -2∆R

cos( 2πR
R + ∆R) - 1

4πR2(R + ∆R)2K(R)
R(λ4) (5)

vjh )
∫Vc

∞
vhg(vh) dvh

∫Vc

∞
g(vh) dvh

(6)

Vc ) 4/3π(2a0)
3 ) 5 × 10-3 nm3 (7)

Figure 9. Mean volume of the free-volume holes, vjh and vj′h,
as a function of the final applied strain for tensile strained
UHMW PE. (b) vjh values determined from PALS measure-
ments and (4) vj′h values calculated by means of eq 17.

C(vh) )
∫0

vhg(vh) dvh

∫0

∞
g(vh) dvh

(8)

vf ) v - vc, v > vc (9)

C(vf) )
∫0

vfP(vf) dvf

∫0

∞
P(vf) dvf

) 1 - exp(-
vf

vjf
) (10)

P(vf) ) p
vjf

exp(-
vf

vjf
) (11)
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Here, p ) ∫0
∞P(vf) dvf is the fraction of liquidlike cells,

and

is the mean free volume contained in the liquidlike
fraction of the amorphous phase of the polymer.

The C(vh) data obtained from our results for each
deformation experiment, by means of eq 8, are fitted to
the cumulative distribution C(vf) predicted by eq 10
using vjf as adjustable parameters. Figure 10 shows the
curve C(vf) obtained for a sample strained up to ε ) 2.
The fit is most unsatisfactory.

In the Grest-Cohen model, the free volume associated
with a liquidlike cell, vf, actually corresponds to the total
free volume irrespective of the way it is distributed
within the cell. In principle, the free volume vf can be
statistically distributed among holes with different
sizes, vh, where a positron can be localized as a Ps atom.
Then, if the corresponding hole size distribution for an
unbounded liquidlike cell is denoted by H(vh), the
probability of having a hole with a volume vh in the
polymer should be given by

where P(vf), given by eq 11, is the probability that a
liquidlike cell of the amorphous phase has a free volume
vf. Now, the cumulative distribution function of free-
volume hole sizes in the polymer is given by

If it is assumed that H(vh) is a normal frequency
distribution given as

where 〈vh〉 is the mean size of the free-volume holes in
the liquidlike cell, σ is the full width of the normal
distribution function at half-maximum (fwhm), and
∫0

∞H(vh) dvh ) 1, eq 14 gives a cumulative distribution
of free volume given by the expression

The fits of the cumulative distributions C(vh) obtained
from the PLS data to the predicted function C′(vh) are
very satisfactory for all the samples. σ, 〈vh〉, and vjf are
used as adjustable parameters. Figure 10 shows the
function C′(vh) fitted to the data points for the cumula-
tive distribution of the sample strained up to ε ) 2.

Now, using the distribution function F(vh) given by
eq 13, one can obtained a mean volume of the free-
volume holes in the polymer by mean of

The vj′h value for each deformed sample is shown in
Figure 9 along with the corresponding value obtained
from de PALS measurements through eq 6. The agree-
ment is also very satisfactory. Moreover, the width
(fwhm) of the distribution function of free-volume hole
sizes obtained from free-volume model, F(vh), has a
strain dependence similar to that found for the distribu-
tion function g(vh) obtained from the PALS data when
a liquidlike cell fraction p ) 1 is assumed eq 13, as
shown in Figure 11. The agreement is very satisfactory
if p ) 0.65 is assumed.

The above agreements evidence that the o-Ps states
contributing to the longest lifetime component of the
polymer probe a distribution of free-volume hole sizes
that fits the one predicted by a free-volume approach.
Therefore, the fraction of hole volume determined from
g(vh), that is

is equivalent to the fractional free volume in the
amorphous phase of the samples. The fh values appear
to increase increasing strain as Figure 12 reveals.
Initially, the increase is steeply up to a strain around
the yield point, i.e., εH = 0.23, coinciding with the initial
increase of the crystallinity and I4 (see Figures 2 and
6). However, coinciding with the strain softening region
observed in the stress-strain curve above the yield
point, the fractional free volume appears to be insensi-
tive to strain up to the strain hardening onset observed

Figure 10. Cumulative distribution function of hole volume
C(vh) obtained from PALS measurements for tensile strained
UHMW PE. The curves C(vf) and C’(vh) represent the fits of
the PALS measurements to the cumulative distribution func-
tions predicted by the free-volume model according to eqs 10
and 16, respectively.

vjf )
∫0

∞
vfP(vf) dvf

∫0

∞
P(vf) dvf

(12)

F(vh) ) H(vh) ∫vh

∞
P(vf) dvf ) H(vh)p exp(-

vh

vjf
) (13)

C′(vh) )
∫0

vhF(vh) dvh

∫0

∞
F(vh) dvh

)
∫0

vhH(vh)p exp(-
vh

vjf
)

∫0

∞
H(vh)p exp(-

vh

vjf
)

(14)

H(vh) ) x2
π

1

1 + erf( 〈vh〉

x2σ)
exp[-

(vh - 〈vh〉)2

2σ2 ] (15)

C′(vh) ) 1 -

1 - erf[σ2 + vjf(vh - 〈vh〉)

x2σvjf
]

1 - erf[σ2 + vjf〈vh〉

x2σvjf
]

(16)

vj′h )
∫Vc

∞
vhF(vh) dvh

∫Vc

∞
F(vh) dvh

(17)

fh ) ∫0

∞
g(vh) dvh (18)
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above ∼0.7 of true strain. Above this point, fh increases
continuously with strain up to fracture.

The values obtained for the adjustable parameter vjf
are shown in Figure 13. It is found that these values
increase monotonically for applied strains above the
yield point in contrast to the behavior observed for vjh
in Figure 9.

Since the fraction of amorphous phase in the polymer
does not increase for strains up to the yield point, the
free-volume increase found below the yield point must
be accomplished by structural changes in the amorphous
phase. These changes can be (1) the transformation of
solidlike cells into liquidlike cells when their local strain
results in a cell volume above the critical volume for
free-volume formation and (2) the creation of new free-
volume holes in the preexisting liquidlike cells. Either
mechanism can produce an increase of the o-Ps forma-
tion in the free-volume holes increasing the intensity
I4 and the fractional free volume fh as observed in

Figures 6 and 12. Mechanism 1 can produce an increase
of number of free-volume holes in the polymer without
an effective increase of vjh and vjf, while mechanism 2
would induce an increase of vjf necessarily. However, the
mean size of the free-volume holes and the mean free
volume of the cells, vjh and vjf, do not undergo significant
changes up to the yield point (see Figures 9 and 13).
Thus, the steeply initial increase of the free volume is
attributed to mechanism 1.

For applied strains above the strain-hardening onset,
i.e., εH = 0.7, vjf and fh increase, and vjh and the WAXS
crystallinity decrease. Now, the free-volume increase
appears to be control by the transformation of crystal-
line regions of the polymer into amorphous phase and
creation of free-volume holes with smaller sizes that the
preexisting ones. In addition, small holes must also be
formed in the liquidlike cells of the amorphous regions
which have not been formed by the crystalline-
amorphous transformation. This gives account for the
vjf increase.

In the strain-softening region, i.e., in the range 0.23
e εH e 0.7, the variations of the parameters vjh and fh
are rather indefinite to extract conclusions.

4. Conclusions

WAXS and PALS measurements performed on tensile
deformed UHMW PE reveal correlations between its
crystallinity, the positron annihilation characteristics,
and the final applied strain to the samples. It is found
that the probability of Ps formation in the free-volume
holes increases with strain up to failure, and the
crystallinity diminishes when the samples are deformed
above the yield point.

The size distribution function of the free-volume holes,
where a positron is localized and forms a Ps atom, can
be determined from their continuous lifetime distribu-
tion as well as the fraction of hole volume in the
amorphous phase of the polymer. The mean size of the
holes decreases when the polymer is deformed in the
strain-hardening region but the fraction of hole volume
increases.

The results are analyzed in terms of a free-volume
approach assuming that the free volume associated with
a liquidlike cell of the amorphous phase consists of free-

Figure 11. Full width at half-maximum of the free-volume
hole size distributions as a function of the final applied strain
for UHMW PE. (b) For the distribution function g(vh) mea-
sured by PALS and for the distribution function F(vh) predicted
by eq 13 using (4) p ) 1 and (0) p ) 0.65.

Figure 12. Fractional free volume, contained in the amor-
phous phase of tensile strained UHMW PE, as a function of
the final applied strain.

Figure 13. Mean value of the free volume in the liquidlike
cells as a function of the final applied strain for tensile
deformed UHMW PE. The vjf values are obtained from the fits
of the PALS measurements to eq 16.
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volume holes whose size distribution is given by a
normal frequency distribution. The cumulative distribu-
tion functions, determined from the positron annihila-
tion measurements for each deformed sample, are
consistent with those predicted by the free-volume
approach. This indicates that the positrons contributing
to the lifetime component associated with o-Ps annihila-
tion really probe the free volume in the amorphous
phase of the polymer. Our experiments shows that
tensile strains applied to a polymer can induce free-
volume changes unrecoverable after relieving the stress.
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